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Chapter 4 

Chemical and structural changes in 
polymers 

4.1 Introduction 

The effect of mechanical milling on polymers has only been studied in a limited number 
of reports. The complex structure of organic polymers is the main reason that little 
agreement exists in the description of the different observations made during milling of 
polymers. This is partly because two types of bonds are relevant for the description of 
mechanical impact on a solid polymer. The individual molecules of organic compounds 
are covalently bound, whereas the structure in the solid phase - at usual operating tem
peratures - is governed by intermolecular interaction through van der Waals bonds. As 
the covalent bonds are relatively strong, they will only be broken when a large amount 
of energy is supplied to a limited number of bonds. This will lead to chemical changes 
in the size and structure of the individual molecules. However, due to the various de
grees of freedom in the movement of the backbone chains and the resulting elasticity 
of the material, mechanical energy will usually be distributed over a large number of 
molecules. Moreover, the mechanical force of impact is limited for most milling equip
ment and structural rather than chemical changes are likely to be observed in the vast 
majority of cases. 

In this introduction, different aspects of the chemical and physical structure of poly
mers will be enlightened, as well as the mutual interaction between structure and me
chanical response. Besides, a brief overview will be given of the characteristics of dynamic 
behaviour during structural relaxation. Observations from various experiments will be 
applied in order to explain changes that may be induced by mechanical milling. 

4.1.1 Structure of polymers 

Polymers are produced from specific organic compounds, called monomers, in a polymeri
sation process during which linear or branched chains or even complete three-dimensional 
networks are formed. The (covalent) chemical bonding in the carbon backbone of the 
chain is strong: of the order of approximately 3.6 eV per bond (or 350 kJ/mole of 
bonds). We will concentrate on specific aspects of linear thermoplastics, with a low de
gree of branching. Characteristic of this class of polymers is that they can be molten 
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Figure 4.1: The structure formulas of a number of thermoplastic polymers 

or heated to an equilibrium state with low viscosity, losing their 'memory' for the shape 
prior to heating. Networks (thermosets) and crosslinked polymers (rubbers) will not be 
considered. Structure formulas of the polymers that are investigated in this chapter are 
given in figure 4.1. Some mixtures of polymers and metals will be described in chapter 5. 

Due to their complex structure, the crystallisation rate of polymers is so slow that a 
significant portion of the material is not crystalline. For some polymers, especially for 
polymers with a low level of structural symmetry, the formation of a crystalline structure 
is not possible at all. Consequently, thermoplastic polymers either have a semi-crystalline 
or an amorphous structure, and never exhibit full crystallinity. 

The operational temperature range for fully amorphous polymers is below the glass-
transition temperature Tg. This is called the glassy state, characterised by a lack of long-
range order, with a molecular arrangement similar to that of a liquid, but with mechanical 
and physical properties resembling those of crystalline solids. Semi-crystalline polymers 
are predominantly used above Tg, but below the melting temperature Tm. In this region 
the polymers are less brittle than below Te and they have a higher elasticity resulting in 
a good impact-resistance. Tm and Tg depend on the type of polymer. In vinyl polymers 
for example, the presence of large side groups such as phenyl may give rise to up to 
150 K higher values of Tm and Tg. Except by the polymeric material itself, the properties 
of a polymer are determined by the average length (or molecular mass) of the polymer 
molecules. The molecular mass distribution is characterised by the 'number-average', 
'weight-average' and 'z-average' molecular masses, 

(4.1) 

(4.2) 

(4.3) 

with m the number of molecules with mass Mt. Both Tm and Tg increase with higher 
average molecular mass, but do not increase beyond a certain molecular mass. Obvi
ously, the molecular mass determines the degree of entanglement and consequently the 
mtermolecular forces that are characterised by Tm and TL 
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Figure 4.2: The fractional free volume as a function of thermal history and temperature 

4.1.2 The glass transition in amorphous polymers and 
structural relaxation 

The glass-transition temperature is defined by the transition between an equilibrium 
state (above Tg) and a non-equilibrium state (below Tg) in an amorphous material during 
rapid cooling. The amorphous material can be either a metallic or an inorganic glass, 
or an organic polymer. As the material is in a non-equilibrium state below Tg, the glass 
transition cannot be regarded as a real first- or second-order thermodynamic transition 
[1], but is rather an inhibition of kinetic processes. 

As amorphous polymers are not able to crystallise due to steric hindrance, glassy 
polymers retain a large mobility of the chains in their disordered non-equilibrium state, 
despite their rigid appearance. This may give rise to relaxation processes that can be 
described in terms of free volume, excess enthalpy or chain conformation. The kinetics of 
the relaxation processes is determined by the mobility of the chains, which is a function of 
both structure and temperature. The structure is determined by thermal and mechanical 
history and is usually characterised by the 'fictive glass temperature' Tf [2]. 

The most popular way to describe structural relaxation is in terms of free volume 
[3, 4, 5], mainly because of its imaginative power and its broad application to various 
classes of materials, but also because bulk free volume can actually be measured. The 
volume of an amorphous material V can be considered to consist of the (van der Waals) 
volume of the molecules VQ and the free volume Vfv: 

V = V0 + V'fv (4.4) 

In figure 4.2, the fractional free volume ƒ = V{v/Vs, with Vg = VQ + Vfv,g the total 
volume at Tg, is schematically plotted as a function of temperature and thermal history. 
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The easiest way to describe the processes that take place in an amorphous polymer is 
by thermal quenching, relaxation and subsequent re-heating. This thermal cycle is also 
commonly used in most measurements, including DSC measurements. Above Tg, the 
creation and annihilation of free volume are in equilibrium (A). Around Tg, the fractional 
free volume / e q is in a roughly linear relation with temperature T: 

/eq = fg + (T- Tg)a!v (4.5) 

with fg = V!VtB/Vg the fractional free volume in equilibrium at Tg and afv the thermal-
expansion coefficient for free volume, which is taken as the difference between the thermal-
expansion coefficients of the rubber (above Tg) and the glass. The quantities fg and afv 

have appeared to be constants for a range of amorphous polymers, indicating that the 
glass-transition point is an iso-free-volume state [6]. For these quantities, values of 0.025 
and 4.8 • 10~4 K r 1 are generally taken, respectively [7]. 

During quenching, the mobility of the polymer chains becomes so slow that free volume 
cannot be annihilated fast enough. The line of equilibrium (dotted) is left behind at Tg 

and excess free volume is 'frozen in' (BC). This amount f0 corresponds to the equilibrium 
amount of free volume at Tt. During isothermal annealing at Tu the free volume is 
reduced until the equilibrium line is reached (D) and Tt consequently becomes equal to 
7\. The difference between equilibrium free volume and actual free volume is responsible 
for the driving force resulting in either net creation or annihilation of free volume. At 
low temperatures, geological timescales may be required to reach equilibrium. In order 
to keep the duration of the experiment within acceptable limits, annealing experiments 
are usually not carried out at temperatures more than 15 K below Tg. 

In case equilibrium has not been reached, free volume will be annihilated at a higher 
rate upon re-heating (CD). This can be attributed to the higher mobility of the molecules 
at higher temperature. When equilibrium has been reached, creation of free volume will 
initially take place at a very low rate due to the limited amount of free volume. If this rate 
is lower than the heating rate, the free volume will be lower than the equilibrium value 
(DE). At higher temperatures, the mobility of the chains compensates for the limited 
amount of space between the chains and the equilibrium line will be reached again (E), 
with equal rates of creation and annihilation. It will be clear that the mobility of the 
chains and, consequently, the physical and mechanical properties of the material are a 
function of both free volume (characterised by the corresponding T{) and temperature. 

Characteristic of structural relaxation processes are non-linearity (dependence on both 
T and Tf), asymmetry of relaxation behaviour between equal amounts of excess and defi
ciency of free volume, and memory effects for complex thermal histories. A consequence 
of non-linearity is that isothermal relaxation proceeds much slower than exponentially. 
This can be understood by the continuous decrease of Tt. In fact, the excess free vol
ume decreases linearly as a function of log(time), and even slower when equilibrium is 
approached. As free volume affects mobility, excess of free volume will lead to a higher 
relaxation rate than lack of free volume, resulting in asymmetry. A distribution of re
laxation times with different activation energies may explain why samples with equal 
Tt but aged at different temperatures show different behaviour. These memory effects 
are especially apparent for complex histories. Memory effects can only be wiped out by 
sufficient heating above Tg. 



Chemical and structural changes in polymers 35 

Creation of free volume is an endothermic process, which makes it suitable for calori-
metric observation. The differential of the fractional free volume d / / d T corresponds to 
the heat flow and can be detected in a DSC during constant heating (figure 4.2). If we 
assume that the enthalpy H of a polymer is proportional to ƒ as H = bf + c, with b and 
c constants, the specific heat cp^v is given by 

cpJv = (dH/dT)h = bdf/dT. (4.6) 

Although the relation between free volume and enthalpy relaxation may seem simple, DSC 
data show significantly more scattering than data from dilatometric experiments. More
over, the time scales involved in relaxation are generally longer for enthalpy relaxation 
[8, 9]. This may indicate that some molecular motions contribute to enthalpy relaxation 
but involve no change in volume. An additional difficulty in translating enthalpy into free 
volume is the fact that cp generally changes with temperature (in this case b and c are 
a function of temperature instead of constants). However, when studying mechanically 
milled materials, dilatometry is not possible and we are forcibly constrained to measure 
enthalpy relaxation, as this is the only method for reliable detection of relaxation in 
powders. 

As we intend to draw an analogy between amorphous polymers and metallic glasses, 
relaxation behaviour will be described by means of flow-rate equations, describing the 
time dependence of free volume in terms of the flow-defect concentration. Flow defects 
occur when the local free volume exceeds a critical value and enables molecular motion, 
and consequently motion of the defect. The concentration of flow defects CA is given by 
[5, 10, 11]: 

cfl = exp(- l /a ; ) (4.7) 

with x the reduced average free volume per atom, related to the average amount of free 
volume per atom Vfv by x = v;v/-yv*, with 7 a geometrical factor of the order of unity, 
and v* the critical amount of free volume to form a defect. Structural relaxation of excess 
free volume occurs through annihilation of excess flow defects eg — Cfl,eq at special sites 
called relaxation defects cr [12]. For cr ~ (eg — Qi.eq) the rate equation is given by 

d(Cfl - Cfleq) , / / \2 / i 0 \ 
= -k (cfl - cfl-eq) (4.8) 

and for cr ~ CA by 

d(cf l - Cflveq) „ , , , s 
—; = -k C&(Cfl - cfl,eq) (4.9) 

with rate constants k' and k". For metallic glasses, the kinetics of both annihilation and 
creation of flow defects can be described by these equations, with the second giving better 
fits, especially for creation [11]. 

Various other theories can be applied for the description of relaxation behaviour, with 
varying success (for an overview, see ref. [13]). Most of them incorporate the concept 
of co-operativity, usually by assuming a distribution of relaxation times in which each 
element relaxes on a time scale influenced by the environment. However, as our materials 
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are powders, free volume cannot be measured adequately and we are not able to study 
asymmetry. It is therefore difficult to investigate the kinetics of relaxation in detail, mak
ing study of these theories of limited value. Application of rate equations for relaxation 
will rather be made in order to enlighten differences between mechanical and thermal 
pre-treatment. 

The hole-size distribution is estimated to have a median value of 0.26-0.28 nm3 for 
polystyrene (PS), as determined from photo-isomerisation experiments [14]. Slightly 
smaller typical values have been determined by means of Positron Annihilation Life
time Spectroscopy (PALS) [15]. During relaxation, the total free volume decreases. In 
PS, redistribution of the free volume from larger to smaller sites occurs, resulting in a 
narrowing of the distribution. This redistribution does not occur for polycarbonate (PC), 
in which all free-volume sizes decrease equally in number during relaxation [16]. 

Secondary relaxations (3, 7 , . . . ) , occurring at lower temperatures, are generally con
sidered to involve much more localised molecular motions. Transitions above room tem
perature involve the /^-relaxation in PS (around 77 °C), explained as either motion of 
the phenyl group or vibrations of the main-chain segments, and the /3-relaxation in PC 
(around 80 °C), that is attributed to either internal orientational stress or to packing 
defects in the glassy state. The effects of ageing on the /3-transition are quite unclear, 
partly because the /3-relaxation often appears as a shoulder in the glass transition. We 
will therefore not consider the effect of possible /^-relaxations. 

4.1.3 Deformation of polymers 

Reversible elastic and linear viscoelastic deformations result from small stresses with 
corresponding strains e smaller than 0.01. With larger strains, irreversible deformation 
occurs, resulting in yielding: after removal of the stress, the deformed state persists. 
In an amorphous polymer, one metastable state is converted into another. In crystalline 
materials, this effect is explained by planes of atoms displacing with respect to each other, 
facilitated by the presence of various defects. This is also observed in (semi-)crystalline 
polymers and may result in the same or another stable crystalline structure. Possible 
responses to an applied force in polymers are stretching and bending of covalent bonds 
in the chain, rotation about bonds and displacement of neighbouring chain segments 
(the principal response in polymer glasses). This response is called shear, representing 
the elementary displacement relative to the next plane of atoms. The maximum stress 
is called the yield stress, which is an important mechanical parameter for a range of 
technological applications. The yield stress increases at lower temperatures or by physical 
ageing, which will be further explained below. The stress is lower at higher strain rates. 
At larger strains, the stress decreases due to the formation of defects, which is called 
strain softening. At the highest strains, a gradual increase of the true stress (corrected for 
necking effects) is observed. This effect is called strain hardening, caused by alignment 
of the polymer chains, making the covalent bond relatively more important. Finally, 
fracture may occur, usually accompanied by crazing, due to either disentanglement or 
covalent-bond breaking. 

Deformation can be studied by its effect on physical ageing. This subject has been 
studied extensively by Struik [17]. Physical ageing increases the yield stress by 10 to 
30%. On the other hand, deformation well beyond the yield point generally results in 're-
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juvenation', which can be observed by a shift of the creep response to shorter time scales. 
Superposition of the creep curves by a shift, however, is usually rather more complex, 
and consequently various structural changes are expected to occur simultaneously. The 
resulting material also shows a decrease in yield stress, and resembles a material that 
has been freshly quenched. At very high strain rates, viscoelastic heating may lead to 
a temperature rise [18] and may thus influence the structure and explain rejuvenation. 
However, rejuvenation is also observed for negligible temperature rises, and strain soft
ening is concluded to be the dominant effect. During deformation, the internal energy 
increases, and is released during re-heating below Tg [19]. This internal energy increase 
is larger for PS than for PC, as measured under compression. At very large strains, 
recovery occurs only after heating above Tg and can be observed by the occurrence of an 
exothermic effect [19, 20]. Strain softening can be explained by an increase in free volume 
[17], whereas strain hardening has been explained by uncoiling of the polymer chains at 
large strains [19]. In some cases, the shape of a sample prior to deformation is recovered 
after heating above Tg. The polymer molecules retake their shape and degree of coiling 
prior to deformation, which is accompanied by a decrease in internal energy. In general, 
the mechanical properties reach equilibrium earlier than the enthalpy during ageing, and 
are thus more likely connected to the free volume. Beyond a certain strain, a steady-state 
structure is reached, with the stress becoming independent of the thermal or mechanical 
history [19]. For this reason, it has been suggested that a similar equilibrium state can 
be reached both above Tg and by mechanical deformation. However, as large strains do 
not fully 'erase' mechanical and thermal history, equilibrium free volume is not able to 
fully explain the structure obtained by large strains. 

An alternative explanation has been given by the concept of cohesional entanglements 
[21], which are local nematic interactions between neighbouring chain segments. These 
entanglements are not topological in character, although the precise nature has not been 
further specified. The entanglements lock up the long-range co-operative conformational 
changes that are required for rubber elasticity, and can easily be engaged or disengaged, 
thus explaining the transition between the glassy and rubbery states. Except by heating, 
disengagement of these entanglements may occur by deformation, irrespective of whether 
this is accompanied by a rise or a decrease of the free volume. This concept was applied 
to explain the internal energy increase associated with strain softening that is observed 
during densifled compression of Polyethylene terephthalate (PET) [20], while this is ob
viously not accompanied by an increase in the free volume. An actual decrease in free 
volume has also been observed by means of PALS under compression of PC [22]. 

Fracture occurs when a large amount of energy is absorbed leading to disruption of 
the interrnolecular (disentanglement) or intramolecular (scission) bonds. Fracture is often 
explained in terms of 'tough' or 'brittle', the main difference between these merely being 
the volume involved in fracture. The energy needed for tough fracture is larger, but 
involves also a larger volume. In both cases, a large amount of energy is absorbed at the 
crack tip, which may even lead to local melting of the material. Tough fracture is related 
to materials with a high entanglement density, such as PC. At low temperatures, brittle 
fracture is most common, with its origin in flaws or cavities. At higher temperatures, 
fracture is preceded by crazing, characterised by a dense array of fibrils separated by voids. 
Around Tg, extensive formation of shear bands and large extensions in highly oriented 
samples are observed. This holds for PS, although at low temperatures fracture has also 
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been explained by scission. In low-molecular-weight PS, crazing persists up to Tg. In the 
less brittle PC however, shear is the dominant mechanism for large deformations, whereas 
more crazing is exhibited at higher temperatures. The difference in behaviour between 
PS and PC can be explained by the difference in entanglement density, determining which 
process is energetically favourable. In all glassy polymers, annealing results in a more 
brittle material and suppresses the formation of shear bands in favour of crazing. 

Strain softening in amorphous metallic glasses has been explained by an increase of 
the number of flow defects [23]. An analogy with amorphous polymers can be drawn, both 
for the behaviour under mechanical deformation and for the relaxation behaviour. The 
main differences between metallic glasses and amorphous polymers are the occurrence 
of strain hardening in polymers and the mechanism of fracture. The analogies are most 
clearly revealed for mechanical milling (MM), which establishes homogeneous deformation 
and has been used extensively for transformations in intermetallic compounds. The main 
difference between most deformation and relaxation experiments and MM is the geometry 
of the material. Nearly all experiments on polymers have been carried out on neatly 
defined bulk materials under uniaxial or biaxial compression or tension. MM of powders 
may be compared to the mechanical experiments described above, although the samples 
require different conditions for characterisation. As dilatometry clearly cannot be carried 
out on powders, enthalpy relaxation by means of DSC is measured instead of free-volume 
relaxation. After conversion of enthalpy into free volume, flow-defect rate equations can 
be applied to describe the relaxation behaviour, analogous to the description of relaxation 
in metallic glasses. The free volumes thus obtained are compared to 'real' free volumes 
measured by means of PALS. 

In the scarce studies on mechanically milled polymers, degradation of polymers by 
MM as a result of chain scission and radical formation has been reported [24, 25. 26], 
although mechanical milling of ABS (Acrylonitrile-Butadiene-Styrene) resulted in a small 
increase of the weight-average molecular mass [27] rather than in a decrease. The alloying 
of normally incompatible polymer mixtures by Mechanical Alloying has also been claimed 
in the latter study. The production of powders of polymer mixtures by MA has been 
reported several times [28, 29]. Amorphisation has been reported as a structural change 
in PET [30]. 

In this chapter, the scission of covalent bonds by MM will be investigated first. Struc
tural changes in amorphous polymers and the influence of these changes on relaxation 
behaviour are considered in terms of enthalpy effects and distribution of free volume, 
in analogy to various deformation experiments on amorphous alloys. Finally, the influ
ence of MM on the crystalline structure is investigated for a number of semi-crystalline 
polymers. 

4.2 Chemical and s tructural changes in low-Mw 

polymers 

4.2.1 Scission of covalent bonds 

In order to investigate the viability of chemical changes in polymers by MM, a number 
of low-Mw pure polymers were milled in the planetary mill. This device is more powerful 
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'Milling time Mn x 1CT3 Mw x 10"3 M* x 1 0 

Omin 2.34 2.56 2.77 
15 mm 2.47 2.67 2.86 
30 min 2.46 2.72 2.94 
45 min 2.33 2.57 2.77 
60 min 2.46 2.70 2 ^ 

Table 4.1: The molecular masses Mj of PS 2500 as a function of milling time determined 

by FDMS 

Milling time Mn x 10"3 Mw x ÎO"3 M2 x 10" 
0 h 5.76 6.16 6.51 
l h 5.73 6.16 6.61 

Table 4.2: The molecular masses Mj of PS 87 as a function of milling time, as measured 

by GPC 

and more efficient than the vibratory ball mill, especially for milling of polymers, making 
changes of this nature more likely than in the ball mill. As the materials are purely 
organic and consist exclusively of covalently bonded C, H and O atoms, the only type 
of chemical change that is expected to occur is scission of the covalent bonds. In this 
case, the free radical ends may randomly form new bonds, resulting in re-polymerisation, 
as reported e.g. in ref. [24]. This would then give rise to a broadening of the molecular 
mass distribution, as has been evaluated in a number of simple Monte-Carlo simula
tions. Significant changes of the molecular masses (equations 4.1-4.3) would be observed 
correspondingly. 

We investigated an amorphous polystyrene standard with Mw ~ 2500, purchased 
from Aldrich, by means of Field Desorption Mass Spectrometry (FDMS, section 2.2.3). 
Another polystyrene (PS 87) from Shell Research with Mw ~ 6150 was investigated with 
Gel Permeation Chromatography (GPC, section 2.2.4). Two samples of polyethylene 
glycol, PEG 1000 from Serva (Heidelberg, Germany) with Mw ~ 1000, and PEG 4000 
with Mw ~ 4000 from Fluka Chemical (Buchs, Switzerland) were analysed by MALDI-
FTICR Mass Spectrometry (section 2.2.5). Structure formulas of the polymers are given 
in figure 4.1. All polymers exhibit very narrow mass distributions, which facilitates 
observation of any broadening effect of the mass distribution upon milling. The milling 
vial was typically loaded with 1 g of material, and samples were taken after each 15 min 
of milling up to a total milling time of 1 h. 

The characteristic molecular masses of PS 2500, as calculated from the - rather rough -
mass spectra obtained by FDMS, are given in table 4.1 for various milling times. No sig
nificant change or trend in either of the molecular masses can be observed experimentally. 
The molecular masses of PS 87 before and after milling, as determined by GPC, are given 
in table 4.2. Again, the mass distributions seem to be equal. This supports the absence 
of any trend as established for PS 2500. 

With MALDI-FTICR-MS carried out on both of the two different types of polyethy
lene glycol, no change in the molecular mass distribution of the milled materials could 



40 CHAPTER 4 

be detected with respect to the unmilled materials. 

From the variety of materials and applied techniques, we can conclude that there is 
ample evidence that, during milling of low-Mw polymers, no scission occurs in a significant 
fraction of the material. In all samples, bond breaking would undoubtedly have led to 
the assessment of experimentally significant changes of the (narrow) mass distributions. 
However, no such changes can be observed. 

Of course, this conclusion is limited to the extent of these experiments and to these 
milling tools. However, as the vibratory ball mill is less powerful than the planetary mill 
that is used in these experiments, we can safely extend this conclusion to experiments 
carried out with the vibratory mill. By means of a quadrupole mass-spectrometer that 
was attached to the vacuum system of the vibratory mill, no organic compounds or 
fractions thereof could be observed that could be attributed to formation during milling, 
confirming that no scission of these polymers takes place in the vibratory mill. 

Obviously, the mechanical properties of the polymers investigated are also a factor in 
the viability of scission. The (amorphous) polystyrenes we used belong to the most brittle 
polymers. As it is harder to store mechanical energy in a small amount of material for 
more elastic polymers, scission will even be less likely in these materials. Therefore, we 
can safely say that the conclusions found here are also valid for this category of polymers. 

4.2.2 Structural changes in low-Mw polystyrene 

When the calorimetric behaviour is investigated of the low-Mw amorphous polystyrenes 
by means of DSC (section 2.5.1), changes are observed around the glass transition for 
mechanically milled samples. As scission has been excluded for these milling times, the 
changes have to be of a physical nature. We attempt to explain these changes in terms 
of free volume. This concept has been introduced in section 4.1.2. 

In figure 4.3a, DSC traces of PS 2500 are presented after controlled cooling from 
150 °C. For reasons of clarity, the traces are displayed such that they run parallel to 
the horizontal above Tg. The endothermic peak at the glass transition (around 70 °C) 
represents the creation of free volume during heating and is much larger after low cooling 
rates than after higher cooling rates. Below Tg, the rate of creation of free volume is 
lower than the heating rate, and a deficit of free volume arises. As samples that have 
undergone low cooling rates have had more time to relax towards equilibrium, they will 
have a lower value of Tt and the deficit of free volume will consequently become larger. By 
definition, the rate of free-volume creation above Tg is high enough to keep pace with the 
heating rate. Thus, around Tg, more free volume has to be created to reach equilibrium 
for samples that had a lower cooling rate, and a larger endothermic peak will be observed. 
Moreover, the position of the peak temperature is higher for these samples. This can be 
explained by the fact that a lower value for Xj is compensated for by a higher T in order 
to reach a sufficiently high mobility for the glass transition to take place. 

The DSC traces for unmilled and milled PS 2500 are given in figure 4.3b. The large 
peak for the unmilled as-received sample indicates that the material was well annealed 
before milling. For increasing milling times, the size of the peak decreases and has 
virtually disappeared after 15 min of milling. However, both the shape of the traces 
and the position of the peak vary substantially as compared to the cooled samples of 
figure 4.3a. The peak position first shifts to lower temperatures, and then to a higher 
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Figure 4.3: DSC traces for PS 2500: (a) after the indicated cooling rates and (b) after 

the indicated milling times 

temperature. After keeping the samples at 150 °C during several minutes and subsequent 
cooling at a fixed cooling rate of 20 °C/min, the enthalpy measured during re-heating 
is equal for all milled and unmilled samples. This provides additional evidence that no 
scission takes place during milling. Moreover, for all samples, the weight loss observed 
after heating to above Tg is negligible, indicating that possible volatile components cannot 
contribute to changes in peak size. 

It seems as if thermal quenching and mechanical milling give rise to similar structural 
changes of the material. This confirms the analogies between thermal quenching and 
mechanical deformation that have been observed by others (section 4.1.3). For both 
thermal quenching and mechanical milling, the changes may be explained in terms of an 
increase of the free volume, although the differences in peak shape and peak position of 
the milled samples indicate a more subtle relation between mechanical treatment and free 
volume. This is further discussed in the next sections. 

4.3 Chemical and s t ructural changes in high-Mw 

amorphous PS and P C 

Investigation of chemical and structural changes for high-Mw amorphous polymers has 
been carried out on polystyrene and polycarbonate. The observations are compared 
to those on low-Mw polymers (section 4.2). Powders were prepared from commercially 
available materials that are actually used for various applications. 
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4.3.1 Sample preparation 

The polystyrene material, PS N 7000 (ex. Shell) has a Tg around 106 °C. It is commonly 
used for isolation plates, shower cabins and disposable crockery, and as a foam for packing 
of food products. The polycarbonate we used was Xantar p22 (ex. DSM), a Bisphenol-
A polycarbonate (BPA-PC) that has a Tg around 152 °C. The molecule has a rather 
symmetrical shape (figure 4.1). PC is a tough material and its high Tg in combination 
with good electro-isolation and flame-resistance makes it suitable for a wide range of 
applications. PC is processed by injection moulding, and is used for e.g. electrical devices, 
glazing, helmets, milk bottles and artificial kidneys. 

As the size of the particles was too large for milling, the materials were powdered 
first. For this purpose, 2 g of material was milled in the vibratory ball mill during 24 h in 
approximately 20 ml of ethanol. Subsequently, after drying at room temperature, it was 
heated at a rate of 10 °C per hour to 98 °C for PS and 140 °C for PC. These temperatures 
were maintained during 24 h, after which the sample was slowly cooled at 2 °C/h to room 
temperature. In this way, we obtained a fine well-annealed powder. 

This powdered ('annealed') material was milled in the planetary mill, with approxi
mately 5 ml of ethanol added to 1 g of polymer. Milling was carried out in ethanol for 
lubrication and in order to prevent the material from coagulation during milling, which 
occurred readily during milling of PS under vacuum or in air. The milled materials 
were compared to samples that were thermally quenched at a high rate. Quenching of 
the 'annealed' samples was carried out in the low-temperature powder-quenching device 
(LOPOQ, section 2.1.3), which enables far higher cooling rates than the DSC. Ethanol was 
chosen as a quenching liquid because of its low surface tension, which ensures good con
tact with the material. Moreover, it evaporates rapidly from the moist polymer powders. 
The ethanol was kept at room temperature. For thermal quenching, 0.1 g of material was 
held at a constant temperature above Tg for 30 min, and subsequently quenched. For PS, 
quenching was carried out from 113 °C and 127 °C, for PC from 162 °C and 176 °C. After 
milling or quenching, the material was dried at room temperature for 2 days after which 
DSC traces were taken. A negligible weight loss was found after the DSC measurements 
for both materials, indicating that no volatile components were left and that no water 
had been adsorbed on the samples. 

Metal contamination, as determined by means of ICP-AES (section 2.2.1) was low, 
at 0.37 weight% for PS and 0.03 weight% for PC after 10 h of milling. 

4.3.2 Scission of covalent bonds 

Chemical changes in high-Mw amorphous polymers were investigated by means of Gel 
Permeation Chromatography (GPC). Molecular mass distributions of PS and PC mate
rials are shown in figure 4.4 and the molecular masses are given in tables 4.3 and 4.4. For 
PS, the molecular masses clearly decrease both for milling in the vibratory and the plan
etary mill. After 50 h of milling, the molecular masses have become about five times as 
small. No differences could be observed between the molecular mass distributions of the 
annealed and quenched materials. The thermal treatment consequently had no influence 
on the chain lengths. For PC, the molecular masses have nearly halved, although the 
samples exhibited difficulties in dissolving. A second series of measurements carried out 



Chemical and structural changes in polymers 43 

Milling time Mn x 1(T4 Mw x KT« Mz x 10' 
as-received 18.8 25.5 33.2 
annealed 11.2 16-0 21.4 

11.5 16.2 21.4 
8.6 11.8 1 5-5 

7.7 10.4 13.5 
4.1 5.1 6.1 

quenched 
4 h 
10 h 
50 h 

Table 4.3: The molecular masses M, of PS N 7000 for different milling treatments, as 

determined by GPC 

Milling time Mu x I P ' 4 Mw x 1(T* _ M ^ 1 0 r 
as-received 1.05 
50 h 0.66 0.85 1^3_ 

Table 4.4: The molecular masses M-} of PC Xantar p22 for different milling treatments, 

as determined by GPC 

by means of a column with a different pore size showed no significant differences between 
the molecular masses of the samples. Consequently, no firm conclusions can be drawn 
about the absolute values of the molecular masses for PC, although the decrease of the 
molecular masses is clearly much smaller than for PS. This difference is in line with the 
fact that PC is a tougher material. The observations are quite surprising considering 
the negligible changes of the molecular masses for the low-Mw materials (section 4.2.1). 
Possible causes for the differences are the very long milling times in both the vibratory 
and the planetary mill and the fact that milling has been carried out in ethanol. The 
presence of ethanol during milling may have a deleterious effect as it may act as a crazing 

agent. 
The fact that scission does not occur readily during milling of polymers may be ex

plained by comparing the energy of C-C bond breaking with the energies of atomic 
defects that are induced in intermetallics during mechanical milling. The atomic defects 
have energies of typically 100-200 kJ per mole of defects [31], whereas the C-C bond in 
polymers represents an energy of approximately 350 kJ per mole of bonds. The expla
nation that atomic defects are readily produced in intermetallics and that C-C scission 
does not occur easily may be found in the large difference between the energies involved. 
Mechanical properties play an additional role; the intermetallic compounds investigated 
are usually quite brittle, and PC is a tougher material than PS, which is reflected in the 
smaller decrease of the molecular masses for PC. 

Although significant chemical changes have been found, the materials can still be con
sidered as high-Mw polymers, and no changes are expected in the mechanical properties 
of the material, e.g. in the glass-transition temperature Tg. Consequently, the scission 
effects are not expected to affect the discussion on the structural properties that are 
investigated in subsequent sections. 
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1.E+03 1.E+04 1.E+05 1.E+ 
Molecular mass 

1.E+04 

Molecular mass 

F i g u r e 4.4: The molecular mass distributions of (a) PS N 7000 and (b) PC Xantar p22 
for different milling treatments, as determined by GPC 

4.3.3 Enthalpy changes 

DSC traces of milled PS are shown in figure 4.5a and can be well compared to the 
trend that has been observed for low-Mw PS (figure 4.3b). Again, the endothermic 
peak has practically disappeared after merely 15 min of milling. In figure 4.5b, the 
traces of milled PS (10 h) are compared with those of quenched PS. We see that a small 
endothermic peak is still present in quenched PS, while this peak has disappeared in 
milled PS. Moreover, almost no difference can be observed between the various traces of 
quenched PS. Apparently, the efficiency of thermal quenching is more or less independent 
of the temperature from which quenching has been carried out. This indicates that the 
cooling rate around Tg is equal, giving rise to the same fictive temperature Tf. At a 
higher temperature, larger particles are formed (table 4.5) due to the lower viscosity of 
the polymer, which causes the powder to stick together more easily. This does not lead 
to an apparent decrease of the cooling rate around Tg, however. 

For PC, the same trend is again observed for the endothermic peak size in the milled 
samples (figure 4.6a). The peak has more or less disappeared after about 2 h of milling. 
Traces of the thermally quenched samples are compared with milled PC (10 h) in fig
ure 4.6b. It seems that 10 h of milling and quenching are about equally effective in reduc
ing the endothermic peak for PC. However, a higher quenching temperature is slightly 
more efficient, indicating a somewhat higher cooling rate around Tg. At very long milling 
times (50 h) a further decrease of the endothermic peak size is obtained. 

For the same reduction of the endothermic peak, a longer milling time is obviously 
required for PC than for PS. Moreover, thermal quenching seems to be more efficient with 
respect to milling for PC. One explanation for these differences may be the temperature 
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Figure 4.5: DSC traces for PS N 7000: (a) after the indicated milling times and (b) 

after thermal quenching from the indicated temperatures and after 10 h of 

milling 
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Figure 4.6: DSC traces for PC Xantar p22: (a) after the indicated milling times and 

(b) after thermal quenching from the indicated temperatures and after 10 h 

of milling 
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Sample milled 10 h 
[firn] 

quenched low T 

H 
quenched high T 

[/im] 
PS 
PC 

17 
13 

23 
24 

36 
33 

Table 4.5: Mean particle diameters for milled and quenched PS and PC samples 

from which quenching is carried out. As for both materials, the quenching liquid is kept 
at room temperature, the larger difference between the temperature of the material and 
that of the quenching liquid results in a somewhat higher quenching rate around Tg for 
PC. Moreover, as has been mentioned in section 4.1.3, PC is a tougher material than PS, 
and energy can be dissipated more easily during milling. This is also reflected in a smaller 
increase in internal energy under compression [19] and is in line with our observations. 
No differences were observed between the second traces, confirming that scission has no 
significant effect on the structural changes in the material. This is also apparent from the 
results on low-Mw PS, for which a similar endothermic peak reduction has been observed 
in the absence of scission (section 4.2). 

Another difference between PS and PC is observed in the peak temperature. For 
longer milling times the peak shifts to lower values for PC, which is in agreement with 
the observations for high quenching rates. For PS such a shift, does not occur, which 
may be explained by the larger extent of deformation - or increase of internal energy. 
This apparently raises the activation barrier for the glass transition, as the decrease of 
the endothermic peak is not accompanied by an increase of Tf, and the required mobility 
for the glass transition occurs at an unchanged value for T. For PS 2500, this would 
also explain the peak shift to a higher temperature after 1 h of milling (section 4.2.2), 
indicating more extensive deformation than after 15 min. 

As in the case for low-Mw PS, no clear effect of milling on secondary transitions 
could was observed. No sub-Tg exothermic effects as described in [19] could be discerned. 
From XRD patterns, no changes in structure of any of the materials were observed; upon 
milling all materials remained fully amorphous. Particle sizes were measured with a 
Coulter Multisizer. The volume-averaged mean diameters for particles larger than 4 /an 
are given in table 4.5 for the milled and quenched samples. The milled samples clearly 
have much smaller particle sizes than the samples that have been quenched. The data 
confirm that coagulation takes place during the thermal treatment prior to quenching. 
After similar treatments, the sizes are about equal for PS and PC, indicating that particle-
size effects can be excluded to contribute to the differences in behaviour found between 
the two materials. 

Exothermic effects are observed in the traces above Tg. For PS, the effects appear in 
the form of broad peaks, giving the traces a rougher appearance than that of the freshly 
annealed sample, whereas rather sharp exothermic peaks can be observed for PC. Similar 
effects have been found in compressed bulk samples [19, 20], including the difference in 
exothermic peak width between PS and PC. The peak shifts to lower temperatures for 
longer milling times, but remains more than 10 degrees above Tg, even after 50 h, in 
contrast to a temperature just above Tg for bulk PC [19]. Similarly, in case the original 
(bulk) material was milled in the vibratory mill in air, PC showed a clear exothermic effect 
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just above Tt as well. The peaks above Ts are likely due to stress, bmlt-up in the materials 
during deformation. These have been explained as long-range rearrangements for cham-
orientation recovery [19]. More stress is bmlt-up in bulk materials and m powders after 
o n g o i n g times. For higher stress, release will take place at lower temperatures, 
although the temperature has to be higher than Tg, as only at these temperatures he 
vï ïos i tv is low enough for stress-release. As the peaks are also observed m a n n e a l 
PC it is clearly not possible to anneal out all stress during the thermal treatments. 
L m e effects remain visible at a higher temperature. The effects are likely to have been 
introduced during the pre-milling treatment, when producing a powdered material. At 
suffictntly high temperatures, the effects may anneal out, which becomes clear from the 
race of the quenched samples (figure 4.6b). However, as the powders smter at these 

mgh temperatures, the exothermic peaks are an inevitable effect in the investigation of 

P0WTheSobserved decrease of the endothenmc peak has also been reported for uniaxial 
deformation of both amorphous polymers [19] and amorphous alloys [23], and has been 
explained as strain softening. This has been explained extensive y as an increase of the 
free volume, which works especially well for amorphous alloys. It can be assumed that 
excess free volume is introduced in the material both by quenching from a emperature 
above Tg and by mechanical treatment, which can either be uniaxial deformation or M M 
Indeed MA of Ni-Zr has also resulted in a negligible endothenmc peak m the DSC race 
of the amorphous alloy around Tg [32]. Whether an actual increase of the free volume 
also occurs by MM of polymers is investigated below. 

4.3.4 Free-volume changes determined by PALS 

In order to investigate the differences between MM and thermal quenching in more detail, 
the samples have been subjected to positron annihilation lifetime spec roscopy (PALS 
section 2 3 3). By means of this technique, more information can be obtained about the 
number and size of the free-volume holes. Except the müled and quenched material^ 
the as-received (bulk) materials were investigated that had been quenched directly from 
the reactor as well as the subsequently powdered and annealed samples. Three- and 
four-component fits have been made for both materials. The results are summarised m 
table 4 6 for PS and in table 4.7 for PC together with the (absolute) errors. Ortho-
positronium (o-Ps) lifetimes r3 and r32 as well as corresponding intensities J3 and J32 

positron K Mmnmmt fits respectively. In order to minimise the 
are given for the three- and four-component fits, respectively. 
error, the free-volume components r32 and intensities J32 of the four-component fits have 
been determined by fixing the lifetime of the surface components r31 at 600 ps. l b 
value is of the same order as the surface-component lifetimes that are obtained in case all 
lifetime components are allowed to vary freely. Hole volumes Vh have been determined 
from the four-component fits. As hole-size distributions depend on the software package 
used, these have not been determined. 

A decrease of the intensity after a prolonged measuring time, the so-called radlation 
effect, was observed in the as-received samples as well as in annealed PS. For the latte 
sample J32 was observed to decrease, while I31 remained constant for the four-component 
fit This provides justification for the method that is used for separation, as surface and 
free-volume components indeed behave differently. Remarkably, no radiation effects were 
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PS sample 

as-received 
annealed 
quenched 127 °C 
milled 4 h 
milled 10 h 
milled 50 h 

T3 

M 
2044(5) 
2059(15) 
2107(21) 
2025(9) 
2045(7) 
2127(9) 

h 
[%] 

37.1(5) 
19.6(3) 
20.4(4) 
16.4(1) 

16.1(2) 
15.43(8) 

Table 4.6: PALS data for PS samples 

T"32 

M 
2140(18) 
2122(19) 
2129(9) 
2096(8) 
2112(7) 
2158(19) 

I32 

33.8(3) 
19.9(9) 
20.0(2) 

15.2(2) 
15.18(16) 
15.16(13) 

P h 
r A3i 

110.1(18) 
108.4(19) 
109.1(9) 
105.9(8) 
107.4(7) 
111.9(19) 

P C sample 

as-received 
annealed 
quenched 176 °C 
milled 10 h 
milled 50 h 

73 

[ps] 
2178(11) 
2121(13) 
2180(14) 
2167(12) 
2185(14) 

h 

23.5(5) 
19.5(2) 
16.2(1) 
14.4(1) 
14.10(3) 

Table 4.7: PALS data for PC samples 

T32 

[PS] 
2238(17) 
2177(12) 
2227(18) 
2207(12) 
2235(24) 

h 

23.3(1) 
18.5(2) 
15.5(2) 
14.2(2) 
13.8(1) 

119.7(17) 
113.7(12) 
118.6(18) 
116.6(12) 
119.4(24) 

found in the (powdered) quenched and milled samples. This may be due to the presence 
of free radicals formed in these samples by scission (section 4.3.2), as this may decrease 
the effect of charging that is responsible for the radiation effects 

Considering the free volumes of the four-component fits, the average hole sizes are 
clearly larger for the as-received samples than for the annealed materials. After quench
ing the free-volume sizes change to higher values, which is in line with the changes in 
enthalpy. This is also the case for milled PC. For PS however, free-volume sizes after 4 
and 10 h of milmg are smaller than after annealing. This is in contrast to observations 
from the DSC traces (figure 4.5) that suggest a larger amount of free volume in case an 
unequivocal relation would exist between enthalpy and free volume. After 50 h however 
the free-volume sizes have become larger than in the as-received sample. Apparently, nô 
clear relation exists between the enthalpy and the changes in free volume after mechanical 
deformation. The three-component fits show the same trends as the four-component fits 
although some differences are found for the as-received materials and for annealed PS As 
hese are the samples that also show a radiation effect, this possibly affects correct'de-

termmation of the values. The differences between the free-volume sizes may seem small 
but can have drastic effects on the properties. For example, the reduction of excess free' 
volume during ageing can be less than 1% and cause severe embrittlement 

Lower values of both h and I32 are found for the powdered samples. They decrease 
alter milling to some steady-state value, which is especially apparent for PS These inten
sities are generally considered as a measure of the number of free-volume holes. However 
as the intensities can be influenced by many factors, such as differences in chemistry' 
vacuum pressure, positron source, brightness and radiation damage, they can only be 
compared m case they refer to the very same sample. In our case, possible causes for 
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the lower intensities for the milled samples include the decrease of the particle sizes, the 
decrease in the density of the powder, or changes in Mw . Differences between the intensi
ties should therefore not be taken too seriously and the total free volumes are considered 
from the o-Ps lifetimes, although these values are clearly only related to the average hole 

4.3.5 Discussion 

In spite of large differences in structure, metallic systems and polymers seem to behave in 
a similar way. The amorphous state is clearly a metastable configuration, i.e. a local min
imum in free energy, for which the free energy can be raised either by thermal quenching 
or by a mechanical treatment. The precise character of the building components seems 
to be of minor importance. 

The free-energy increase, observed by DSC as a decrease of the endothermic peak, can 
be considered in terms of free volume, although (especially in PS) the DSC peak shapes 
and the comparison with PALS measurements suggest that it is rather of a more complex 
conformational nature. The decrease of the endothermic peak sizes may be explained 
by strain softening. For PS, strain hardening may explain the absence of a decrease of 
the peak temperature upon mechanical milling. Orientation effects would be in line with 
strain hardening, and may explain the contradictory decrease of the free volume in PS 
during moderate milling that accompanies the raise in free energy. These effects are 
the result of shear stresses that may also induce lowering of the activation barriers for 
molecular motion. The apparent contradiction can also be explained by the destruction of 
cohesional entanglements [21]. An actual decrease of the free volume is not unexpected, 
as milling may introduce compressive forces. A decrease of the free-volume sizes has also 
been observed in PC for yielding, which could be either compression or tension [22], and 
has been explained by orientation. This was also suggested to give rise to a decrease of 
the intensity J3. 

The degree of entanglement, which is higher in the tougher PC, determines the be
haviour under mechanical treatment, and may explain the differences between the two 
materials. PC is more resistant to deformation as well as to scission. Larger extensions by 
deformation are thus possible for PS and larger forces can be exerted on the chains, which 
may lead to crazing-accompanied scission at room temperature. Due to the smaller chain 
length, scission has not been observed for low-Mw PS (section 4.2.1). As the decrease of 
free volume takes place for short milling times, it is not expected that scission is involved 
here. The large free volumes observed after 50 h of milling arc also not likely to be only 
due to scission, as the free-volume increases are about equally large for PS and PC, while 
the extent of scission differs significantly. Probably, the higher extent of disordering gives 
rise to the large free volumes. The generation of defects may increase the free volume 
and compensates for the initial decrease of free volume. 

Differences between the effects of thermal quenching and MM on the structure of 
polymers are further investigated in section 4.4 by means of isothermal relaxation. One 
of the aims is finding out to which extent the free volume and memory effects play a role 
in the process of ageing and whether a 'metastable-equilibrium' state can be reached that 
is independent of the pre-treatment. 
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4.4 Isothermal relaxation of amorphous polymers 

In an attempt to acquire a better understanding of the nature of the structural changes 
that can be induced in amorphous polymers, isothermal relaxation experiments were 
carried out on the mechanically milled and thermally quenched high-Mw polymer powders 
that were described in section 4.3. Mechanically milled samples were used with milling 
times of 10 h. The enthalpy relaxation was determined by DSC measurements, and 
directly interpreted in terms of free volume, 'naively' assuming an unequivocal relation 
between enthalpy and free volume. This, in turn, can be compared to 'real' free-volume 
measurements carried out with PALS. Isothermal relaxation was carried out by annealing 
the materials just below Tg. This temperature had to be sufficiently low in order to be 
able to observe the dynamical behaviour of the relaxation process, but still high enough 
to keep the duration of the experiment within acceptable limits. 

4.4.1 Enthalpy relaxation 

In order to perform isothermal relaxation measurements, the samples were encapsulated 
in the aluminium pan and cover that are used in DSC measurements. These were placed 
in a special copper sample holder that could contain up to 11 samples at a time, and of 
which the actual temperature was monitored by means of a separate thermocouple. This 
sample holder was positioned in a horizontal resistance furnace in which the temperature 
was kept constant with a maximum deviation of 0.1 °C. As the sample holder was placed in 
the region of the furnace with minimum temperature gradient and as it possesses excellent 
heat-conduction properties, all samples in the furnace underwent a thermal treatment at 
exactly the same temperature. Samples with annealing times shorter than 1 h were 
annealed one by one, because removing a sample from the furnace results in a small 
temperature drop. For such short annealing times, this might affect the other annealing 
treatments. Full relaxation series were determined for PS at annealing temperatures of 
95.9 and 98.0 °C, and for PC at 138.7 and 141.1 °C. Additionally, an annealing treatment 
to equilibrium was carried out at 100.2 °C for PS and 141.9 °C for PC. 

Immediately after annealing, two subsequent DSC traces were taken for each sample. 
In the first trace, an increase of the endothermic peak can be observed with increasing 
annealing time. When the trace does not change any more with respect to the previous 
one, equilibrium has been reached. The second trace was taken after rapid cooling, at 
the highest rate possible in the DSC, from above Tg (200 °C for PS, 225 °C for PC) to 
room temperature after the first trace. Because of the heat treatment above Tg, thermal 
and mechanical pre-histories were erased, making the second DSC trace the same for all 
samples. In this way, it could serve as an accurate reference. This reference was necessary 
to provide a suitable background, as all measurements are experimentally slightly different 
from each other, while the enthalpy effects are quite small. 

As general features of the DSC traces (figure 4.7), we can recognise that these are 
rather smooth for quenched samples and rougher with more 'peak events' for milled sam
ples. Build-up of internal stress in the milled materials may give rise to these additional 
sharp (endo- or exothermic) peaks above the annealing temperature (section 4.3.3), but 
also to the development of a distribution of relaxation times which becomes manifest as 
(overlapping) peaks at different temperatures during heating. For milled PS and - to a 



Chemical and structural changes in polymers 51 

90 100 110 120 130 
Temperature [°C] 

130 140 150 160 170 180 190 
Temperature [°C] 

F i g u r e 4.7: DSC traces after annealing of 10 h milled (a) polystyrene at 98.0 °C and 
(b) polycarbonate at 141.1 °C 

lesser extent - milled PC, a peak is initially observed at a few degrees lower temperature 
than immediately after milling, giving rise to two subsequent peaks (at 104.5 and 108 °C 
for PS). For quenched PS the difference is smaller than one degree, and for quenched PC 
no shift to a lower temperature is observed. Relaxation of milled low-Mw PS at 20 °C 
even shows a peak that is initially positioned at 58 °C. about 13 degrees below the peak 
temperature immediately after milling, giving rise to two apparent glass transitions (not 
shown). The peak shift to a lower temperature can be interpreted by the formation of 
new cohesional entanglements upon ageing from the situation described in sections 4.2.2 
and 4.3.3. The chains gradually retake their original conformation, which is reflected in 
the lower temperature at which the glass transition starts. Part of the chains is still in 
a deformed state, which explains why two different regimes occur. The peak shifts to 
higher temperatures for longer annealing times, which is in line with the regular rela
tionship between free volume (or enthalpy) and peak temperature that has been pointed 
out in section 4.2.2. A similar shift in the peak position is observed during relaxation 
of quenched metallic alloys [33]. No systematic change in the position of the exothermic 
peaks above Tg is observed during annealing of PC. As expected (section 4.1.2), the time 
to reach equilibrium is longer for lower annealing temperatures. 

By subtracting the second trace from the first, the enthalpy effect found can be 
integrated, enabling monitoring of enthalpy relaxation with respect to a reference (the 
second trace). Integration can only be carried out after subsequent subtraction of a 3 r d -
order polynôme fit of two parts of the traces at both sides of the integration boundaries 
(90-95 °C and 112-117 °C for PS, 135-140 °C and 160-165 °C for PC). Integration was 
carried out between 95 and 112 °C for PS and 140 and 160 °C for PC, without taking 
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F i g u r e 4.8: Enthalpy relaxation of (a) mechanically milled and (b) thermally quenched 
polystyrene 

into account the influence of additional exothermic peaks. As was required, the fit that 
has been used is approximately a straight line and has the advantage that various peak 
events are incorporated without having to adjust the boundaries to correct for these 
events. Due to the roughness of especially the curves of the milled materials, this was 
the best fit possible. The enthalpy effect AH(t) that is thus found as a function of the 
annealing time t can either become positive or negative. 

Good reproducibility was observed for the measurements. The standard deviation in 
the absolute value of AH(t) was determined to be 0.065 J /g for both polymers. Still, 
quite some scattering was found. Factors that may contribute to this are a non-continuous 
relaxation process, peak events that can arise in the traces and errors introduced due to 
the curve-fitting procedure. However, it became clear that the procedure used provided 
the best results. 

Enthalpy relaxation at all annealing temperatures is represented in figure 4.8 for milled 
and quenched PS, and in figure 4.9 for milled and quenched PC. The mean values at equi
librium are given on the right vertical axis, ft can be observed that relaxation proceeds 
more evenly for the quenched materials. For short annealing times, the enthalpy appears 
to depend on the pre-treatment rather than on the annealing temperature. At longer 
times, the curve flattens, which occurs first for the sample with the highest annealing 
temperature (compare with figure 4.2). For quenched PS, equilibrium is reached after a 
shorter annealing time than for milled PS, but the enthalpy proceeds to a higher equilib
rium value for the milled samples. For PC, no difference in equilibration time is found 
between milled and quenched materials, but the enthalpy has a higher equilibrium value 
for the quenched samples. The difference between the equilibrium values of the enthalpy 
of milled and quenched materials is smaller for the highest annealing temperatures. 
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Figure 4.9: Enthalpy relaxation of (a) mechanically milled and (h) thermally quenched 
polycarbonate 

Assuming that the equilibrium value for quenched PC is the 'real' equilibrium, further 
enthalpy relaxation is apparently 'blocked' in milled PC: in equilibrium, the internal 
energy of milled PC is still higher than that of quenched PC. Annealing has also been 
carried out for milled PC at even higher temperatures: 144 and 146 °C. Equilibrium was 
reached within 10 min, and beyond this time (up to 1 h) the traces did not change any 
more. However, for very long annealing times (20 h), deviations from the 'equilibrium' 
curve were found with somewhat higher enthalpies, indicating that another equilibrium 
with a much longer relaxation time exists that is independent of the equilibrium that 
has been reached. This could explain why a higher equilibrium value is found for the 
enthalpy of quenched PC. 

For milled PS, the internal energy is appreciably larger than for quenched PS before 
relaxation, whereas it is smaller after relaxation. This difference is remarkable. An 
explanation for the difference could be a distribution of activation energies. For milled 
samples, some additional structural barrier may have to be overcome after relaxation to 
reach the rubbery state. Also the difference in Mw may play a role, although this is not 
expected. 

4.4.2 Enthalpy relaxation in terms of free volume 

In order to express enthalpy relaxation in terms of free-volume relaxation, we can convert 
the enthalpies found in section 4.4.1 to fractional free volumes by means of equation 4.5. 
Although, especially for PS, the relation between free volume and enthalpy may not be 
unequivocal, a 'naïve' conversion by assuming a linear relation may provide additional 
information about the relaxation behaviour. The conversion factors between enthalpy 
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Figure 4.10: Free-volume relaxation of mechanically milled (closed symbols) and ther
mally quenched polystyrene (open symbols) 

and free volume are found by filling in the equilibrium values AHeq in equation 4.5 at the 
three different temperatures. Theoretical values of / e q are found by assuming values for 
fe and ah, of 0.025 and 4.8 • 10~4 K"1, respectively [7]. For Te we take values of 102.6 °C 
for PS and 148 °C for PC, which are the peak temperatures of the second DSC traces. 
As explained in section 4.1.2, it is not automatically allowed to consider these values 
as correct, but it will enable us to compare our enthalpy data with 'real' free volumes. 
From the three different equilibrium values at the three annealing temperatures, we find 
different conversion factors between AH(t) and ƒ (t) for each of the (quenched or milled) 
materials. The equilibrium values of the free volumes are assumed to be a function of 
the annealing temperature only, not of the pre-treatment. As we use the same values for 
,/g, «ft, and Tg, it is allowed to compare the different series, although the absolute values 
of the free volumes depend obviously on our choice. 

The results are plotted in figures 4.10 and 4.11 in terms of excess fractional free 
volume. As by definition these values are zero at equilibrium, this has as a consequence 
that for short annealing times the values are larger for lower temperatures. We have 
fitted the fractional free volumes to equations 4.8 and 4.9, assuming constant factors 
between fractional free volume ƒ and reduced free volume x. As expected for free-volume 
annihilation in amorphous alloys [12], the equations were found to fit to the measurements 
about equally well. However, the fit to equation 4.9 has been selected in the figures, as 
this equation gives the best description for free-volume creation [11]. 

No experimentally significant differences could be observed between the curves of 
milled and quenched PC (figure 4.11), neither in the relaxation times nor in the values 
of the excess fractional free volumes. The conversion factors correct for the differences 
between the enthalpy relaxation behaviour of milled and quenched PC. The fits are better 
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F i g u r e 4 .11 : Free-volume relaxation of mechanically milled (closed symbols) and ther
mally quenched polycarbonate (open symbols) 

for quenched than for milled PC, especially in the last stage of relaxation. Seemingly, 
two different regimes exist, although the errors are clearly too large to draw more defi
nite conclusions. This may however be another indication for the existence of a second 
equilibrium requiring much longer annealing times, as pointed out in section 4.4.1. The 
second regime may reflect relaxation of orientation effects introduced during the milling 
treatment, which would be in line with the exothermic effects above Tg. 

For PS (figure 4.10), large differences can be observed between the relaxation curves 
of the milled and quenched materials. Firstly, during annealing at the same temperature, 
the relaxation time for milled samples is longer than for quenched samples. Secondly, 
the values of the excess fractional free volume are larger for the milled samples. Despite 
the differences in temperature, it looks as if the milled material relaxes at 98 °C in a 
similar way as the quenched material at 95.9 °C. As the enthalpy in equilibrium differs 
as well, it is likely that another equilibrium has been reached. An explanation may be 
found in an additional structural barrier, as described in section 4.4.1, which is probably 
due to orientation effects. This may be connected to the smaller free volume for milled 
samples, for which relaxation is expected to proceed slower, ft reminds of the asymmetry 
of relaxation between creation and annihilation of free volume. Although the correctness 
of the values of the excess fractional free volumes given in the figures can be questioned, 
the results illustrate more clearly the differences in structure and in dynamic behaviour 
than the enthalpy-relaxation data. 
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Figure 4.12: Changes in (a) lifetime T32 and (b) intensity I32 during thermal treatments 
of mechanically milled and thermally quenched polystyrene 

4.4.3 Free-volume relaxation 

In order to determine the relation between enthalpy relaxation and free-volume relaxation, 
PALS measurements were carried out during thermal treatments of the mechanically 
milled and thermally quenched PS (figure 4.12) and PC (figure 4.13) materials. Four-
component fits have been made, and lifetimes r32 and intensities Ii2 were determined. 
The individual measurements at 30 °C, as summarised in section 4.3.4, have also been 
included in the figures. Isothermal relaxation was carried out at 96 °C and 139 °C, 
respectively, close to the lowest temperatures applied for enthalpy relaxation. For PS, 
no significant trend can be observed in the average hole size during relaxation at 96 °C. 
Consequently, no creation or annihilation of free volume can be concluded for any of these 
samples. The hole sizes clearly decrease for PC at 139 °C, which is accompanied by an 
increase of I32. The effects are more prominent for milled PC than for quenched PC. 
The errors are too large, however, to determine the dynamic behaviour of free-volume 
relaxation. However, the time scales observed are the same as for enthalpy relaxation. 

After isothermal relaxation, the samples were heated to 127 °C and 176 °C, respec
tively, the same temperatures as used for thermal quenching. During this thermal treat
ment, the lifetime of the surface component r31 increases, while the corresponding inten
sity J31 decreases. This effect again confirms that aggregation of the particles takes place 
at this temperature. The surface component disappears entirely for quenched PS, which 
already had larger particles than milled PS. The intensity shows an unusual variation for 
PS after 50 h of milling. This can be attributed to the presence of a large concentration 
of radicals due to extensive scission. 

Some final measurements were carried out at 30 °C, giving rise to clearly lower free 
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F i g u r e 4 .13: Changes in (a) lifetime r32 and (b) intensity J32 during thermal treatments 
of mechanically milled and thermally quenched polycarbonate 

volume sizes in PC as compared to those before the thermal treatment, and to roughly 
unchanged sizes in PS. As cooling from 176 °C was at a much lower rate than during 
thermal quenching, the samples had undergone (limited) annealing, which explains the 
smaller free-volume sizes for PC. The negligible change in r32 for PS is in line with the 
limited difference between annealed and quenched PS (table 4.6). The intensities are 
higher for PS and slightly lower in PC, but no conclusions can be drawn from these data 
due to the changes in particle size during the thermal treatment. 

4.4.4 Discussion 
Relaxation of milled and quenched PC proceeds in similar ways. Comparable values of 
free volumes and relaxation times are found for enthalpy relaxation expressed in terms 
of free volume. The relaxation times are of the same order as those observed for 'real' 
free volume relaxation, which has been determined by means of PALS. The enthalpy 
has a lower equilibrium value for milled PC, which may be explained by an additional 
relaxation requiring much longer time scales. This can be attributed to chain-orientation 
effects, which may also explain the additional exothermic peaks above Tg as long-range 
rearrangements, or stress release. 

For PS, large differences are observed between quenched and milled samples. Higher 
equilibrium values of the enthalpy are found for milled samples, which also suggests a 
distribution of activation energies, and the presence of an additional energy barrier for 
the glass transition. Longer times are required for equilibration of the milled samples, 
which can be explained by a smaller free volume. No 'real' free-volume relaxation can 
be observed in either of the PS samples, possibly because the differences in free volume 
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between annealed and quenched samples are small. This indicates that the structural 
changes in PS can clearly not be explained in terms of free volume alone. Chain ori
entation may explain both the decrease in free volume during milling and the higher 
equilibrium value of the enthalpy for milled samples. 

Memory effects of mechanical treatment have been observed for both PS and PC. 
They cannot be 'wiped out' by a sub-Tg annealing treatment. For PS, the memory 
effects include the higher enthalpy and longer relaxation times after milling. The memory 
effects for milled PC are less clear, probably because PC is a tougher material. However, 
smaller enthalpy effects are found, which may be indicative of a second relaxation regime! 
Moreover, stress release above Tg also suggests orientation effects in this sample. Clearly 
the response of PS and PC to milling is quite different. This may be explained by the 
structure of the molecules, which results in different entanglement densities. These are 
responsible for the differences in mechanical response. 

The presence of memory effects has also led to the proposition of a structural fictive 
temperature T^ [34], which is based on the short-range structure (the local packing of 
segments). This parameter would describe the mobility of the chains as a function of 
the degree of deformation. Alternatively, the concept of cohesional entanglements [21] 
may give a qualitative explanation for some of the effects found. Disengagement of 
these entanglements by either deformation or heating may give rise to the long-range 
co-operative conformational changes that are required for rubber elasticity, and results 
in a higher mobility of the chains. While this would explain the initial rise of free energy 
by milling, it does not clarify the smaller rate of relaxation in disordered PS samples. 
Shear stresses may provide the chain mobility for structural relaxation by lowering of the 
activation barriers for molecular motion. On the other hand, by a decrease of the free 
volume and by inducing strain, they may also lower the rate of relaxation. 

Inelastic recovery, which has been observed as an exothermic peak below Tg [19], and 
within a short time after deformation by means of PALS [35], has not been observed for 
the samples investigated here. On the other hand, it has well been possible to compare 
physical ageing for quenched and mechanically deformed polymer powders. 

4.5 Structural changes in crystalline polymers 

4.5.1 High-density polyethylene 

The most simple crystalline polymer is polyethylene (PE), consisting of a backbone chain 
of carbon atoms, to each of which two H-atoms are bonded (figure 4.1). Due to its 
simplicity, PE is probably the most extensively investigated polymer. Partially due to 
its chemical inertness, PE has a wide range of applications, notably for household and 
surgical purposes. Two different types can be distinguished: Low-Density PE (LDPE) 
and High-Density PE (HDPE). LDPE has a high degree of - both short- and long-
chain - branching, which suppresses crystallinity. It can be used for plastic bags and 
other packing materials, e.g. for packing of food products. HDPE shows no long-chain 
branching and hardly, if any, short-chain branching. Under normal conditions, i.e. after 
sufficiently low cooling-rates from the melt, HDPE has a high degree of crystallinity, 
comprising about 75% of the material. Entanglements restrain further crystallisation; 
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higher crystallinities can only be found in some highly oriented fibers. The molecular 
mass distribution of HDPE depends on the synthesising process. HDPE with a narrow 
mass distribution is processed by injection moulding (for e.g. crates and buckets), while 
broad distributions are suitable for processing by extrusion (bottles, containers, foils). 
More recently, HDPE with ultra-high molecular weight (UHMW-PE) has been developed, 
which is especially wear-resistant and can be used for high-performance applications such 
as artificial-hip transplants. 

The crystal structure of HDPE is known to be either orthorhombic (under normal 
conditions) or monoclinic [36, 37]. The fraction of monoclinic material is usually very 
small as compared to the orthorhombic component, and can be explained in terms of a 
somewhat different packing of the folded polymer chains in a strained lattice array [38, 39]. 
A value for the monoclinic fraction of 8.5% of the crystalline phase has been reported for 
a stretched sample [40], whereas samples that have been battered in a diamond mortar in 
order to maximise the monoclinic content showed monoclinic fractions of up to one third 
of the crystalline phase [41]. Due to its crystallinity and to the fact that its Tg is below 
room temperature, HDPE is a highly elastic material, which excludes the occurrence of 
scission during mechanical milling, as explained in section 4.2.1. However, the partial 
transition to a different crystalline structure that HDPE undergoes under strain suggests 
that MM may induce similar structural changes in the material. 

A number of different HDPE materials were milled both in the vibratory ball-mill and 
in the planetary mill. The materials that were milled have average molecular weights that 
range over two orders of magnitude, and have two clearly distinct particle morphologies. 
We milled beads with a diameter of 2-3 mm and Mw ~ 6 • 104 (Stamylex 2H280, ex. 
DSM), beads with a diameter of 4 mm and Mw ~ 2 - 3 • 105 (Lupolen 5021 D, ex. Basf), 
and ultra-high molecular weight HDPE powder and beads that were prepared from this 

ex. powder with a diameter of about 5 mm, with Mw ~ 4 - 6 • 106 (Hostalen GUR 412 
Hoechst). Typically, 2 g of material were milled in ambient air. Samples were taken after 
various periods of milling. 

During milling, the beads were deformed to flakes and subsequently crushed to powder. 
This process took place significantly faster in the planetary mill than in the vibratory 
ball-mill, which is consistent with the higher milling power of the planetary mill. The 
beads with the highest molecular weight (Hostalen) did not show any deformation in 
the vibratory mill. As pointed out in section 4.2.1, scission of the elastic PE materials 
during milling is unlikely, and is not expected to be responsible for structural changes 
observed in the material. The time required to form powder out of the beads is longer for 
a higher Afw: about 2.5 h for Stamylex, 6 h for Lupolen and 20 h for Hostalen (all milled 
in the planetary mill). This can be explained by considering that the binding energy 
between the individual molecules is determined by the degree of entanglement, which 
is dependent on the chain length. Fracture of materials with higher average molecular 
weight will therefore occur after more extensive deformation, with disentanglement as 
the dominant mechanism. For formation of a powder out of the beads, we find that a 
roughly linear relation exists between milling time and the square root of the average 
molecular mass Mw . A similar relation exists between the root mean square end-to-end 
distance d and molecular weight M of a chain: d = kM1/2, with k a constant. As the 
decrease of the particle size with milling time is an indication of the binding energy 
between the molecules, it confirms that the energy involved in entanglement is a function 
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Figure 4.14: XRD patterns of milled and unmilled (a) Lupolen HDPE beads and (b) 
Hostalen HDPE powder. Characteristic reflections of the orthorhombic 
(O) and monoclinic (M) phases are labelled 

of the end-to-end distance rather than of the total length of the molecules. 
The XRD patterns of the milled materials show remarkable differences with those of 

unmilled HDPE. Figure 4.14a shows the XRD pattern of pure and ball-milled Lupolen 
beads. Besides by a number of weak reflections, the orthorhombic structure (0) of the 
original material (labelled '0 h') is characterised by a very strong (110) reflection and 
a strong (200) reflection. Moreover, a small halo can be observed that is due to the 
non-crystalline regions. As milling proceeds, the intensity of the orthorhombic (200) 
reflection decreases and almost disappears for milling periods longer than 165 h. The 
main (110) reflection broadens, which is probably due to strain and crystallite refinement, 
as usually observed in milled metallic systems. At the same time, the intensity of the 
(110) reflection of the monoclinic phase increases. Together with a (110) reflection that 
has the same position as the (110) reflection of the orthorhombic structure, this reflection 
is characteristic of the monoclinic structure. We can conclude that after 165 h of milling, 
nearly all crystalline material has become monoclinic. At this time, the originally globular 
samples have become flake-like. The explanation of the transition should be sought in 
shear, induced by the strain that is created during the milling process. 

In order to examine possible influences of chain length and sample shape on this phase 
transition, we compare the morphology of the end product and the extent of the transition 
of the various materials. It appears that the only almost full transition occurs for the 
Lupolen beads that were milled in the vibratory mill and formed flakes, as described 
above. As already mentioned, the Hostalen beads milled in the vibratory mill showed no 
deformation whatsoever. All other materials or milling procedures resulted in powders 
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and had for about 50% undergone transitions to the monoclinic structure, as can be seen 
for milled and unmilled Hostalen powder in figure 4.14b. No significant change in the 
crystallinity could be observed in any of the materials. It seems that as soon as any 
material has been crushed to powder, the transition can only be partial, which leads 
us to the conclusion that a flake-like morphology, rather than the molecular weight, is 
essential for a complete transition. This would signify that the deformation energy that 
can be stored - a requirement for the monoclinic structure - is larger in flakes than in 
powders. On the other hand, due to this flake-like shape, it is hard to exclude orientation 
effects to contribute to the remarkably high intensity of the monoclinic diffraction lines. 
The fact that a significant transition is observed in powders however is remarkable, as up 
to now this transition has only been observed in bulk samples. The observation of the 
transition in powders appears to be a unique feature of mechanical milling. 

After heating of the materials above their melting point (140 °C), all samples retrieved 
their original orthorhombic structures, which is an indication of the metastable nature of 
the transition. A small energy increase, of the order of a few J/g, was observed by DSC, 
although a similar increase with respect to the as-received (and well-relaxed) material is 
observed after rapid cooling from the melt (at about 20 °C/min). As this energy increase 
may thus as well be attributed to structural disorder (possibly in the form of 'free volume' 
or due to differences in chain conformation as described in section 4.4.4), no conclusions 
can be drawn from these measurements about the energy involved in the phase transition. 

4.5.2 Polypropylene and polytetrafluoroethylene 

Milling of other crystalline polymers, notably polypropylene (PP, KM-6100, ex. Shell) 
and polytetrafluoroethylene (PTFE, 12 /im, purchased from Aldrich, see figure 4.1) ex
hibited only negligible structural changes. Powders and grains (diameter about 0.5 mm) 
of isotactic P P showed some variations in intensity of the reflections. These variations 
were largest for the grains, which were powdered during milling. However, no trend 
could be observed, neither any transition to a different crystalline modification of PP. 
Therefore, the variations are most likely due to orientation effects. For the more ductile 
PTFE, the powder agglomerated to small (sub-mm) flakes, whereas the beads formed 
large flakes. The XRD patterns show somewhat broader reflections, and a small broad 
reflection with a d spacing of around 2.3 À had disappeared in the large flakes. These 
changes can be attributed to crystallite-size reduction. Concludingly, no changes were 
found during milling of PP or PTFE that could be attributed to high-strain structures. 

4.6 Summary and conclusions 

In this chapter, we have reported a number of characteristic chemical and structural 
changes in polymers that are induced by mechanical milling. For low-Mw polymers, 
the occurrence of scission was excluded (section 4.2.1). This could also be assumed for 
(semi-)crystalline polymers that have much higher elasticity. For high-Mw amorphous 
polymers, on the other hand, scission was observed after extensive deformation (sec
tion 4.3.2). The extent of scission is larger for PS than for PC, which can be explained 
by the fact that PC is a tougher material. This leads to dissipation of a considerably 
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larger fraction of the milling energy. Moreover, the lower entanglement density for PS 
gives rise to stronger orientation effects, and thus to larger forces that can be exerted on 
the chains. 

Amorphous polymers may undergo structural changes (sections 4.2.2 and 4.3) that 
can be explained in terms of an increase of free volume, similar to changes after high 
thermal-quenching rates. However, a closer comparison with thermally quenched samples 
indicates a more complex response to milling. In PS, a decrease of the free volume was 
observed during milling, which was accompanied by an increase in internal energy. This 
gives rise to large differences in the relaxation behaviour (section 4.4). A different chain 
conformation, e.g. orientation effects induced by shear stresses, can be held responsible 
for a much slower relaxation. 'Real' free-volume relaxation was observed for PC, but not 
for PS, and proceeded at approximately the same rate as the enthalpy relaxation. In 
milled PC, differences have also been observed that could be attributed to orientation 
effects, although these were less clear as they apparently did not give rise to significant 
changes in the dynamics of the relaxation. However, the existence of a second regime 
with a much longer relaxation time was suggested. In both PS and PC, orientation effects 
may thus give rise to structural barriers for relaxation towards (metastable) equilibrium. 
Considering the differences between thermal quenching and MM, and the influence of the 
free volume on the relaxation behaviour, a postulated structural fictive temperature TH in 
addition to a fictive temperature related to free volume may give a qualitative explanation. 
The concept of cohesional entanglements may explain the response to deformation, but 
not the relaxation behaviour of deformed materials. The effects induced by milling are 
generally considered as 'memory effects'. A thermal treatment at high temperature may 
remove all mechanical history, but this is not possible for powders, as sintering has been 
observed to occur readily at temperatures above Tg. 

A phase transition has been observed in the crystalline structure of HDPE from 
orthorhombic to monoclinic (section 4.5). In flakes, a nearly complete transition was 
found, whereas powders showed a transition of about 50%, which is more than has been 
observed by any other deformation technique. 

Except by scission, fracture may proceed by disentanglement and is a function of many 
parameters, such as milling atmosphere, molecular weight and ductility. Agglomeration 
occurs during milling under vacuum and in air (only for the high-Mw PS and PC), but not 
in ethanol. Possibly, the differences can be explained by a surface energy effect. Strain 
may be reduced by extensive fracture, as less strain is observed in small particles. 

We have learned that polymers exhibit a similar response to stress during either uni- or 
biaxial deformation or during MM, which is actually a more uniform (three-dimensional) 
deformation technique without any clear preferential direction of deformation. This tech
nique provides a combination of pressure and shear, and results in significant disordering. 
Comparisons between different deformation techniques were made both for crystalline 
HDPE and for amorphous PS and PC. We have seen that strain induced in powders by 
MM leads to comparable effects as oriented deformation. The main difference is that MM 
is a more powerful and efficient technique, both for deformation and for fracture. More
over, it enables deformation of powders, which are interesting materials for investigation 
of the influence of mechanical treatment because of their homogeneity and because the 
small particles can undergo deformation very rapidly. As little research has been carried 
out on polymer powders, investigation as well as comparison to bulk materials is attrac-
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tive. A minor drawback is the inability to anneal out all memory effects, as coagulation 

occurs readily during heating above Tg. 
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